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To
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Way of thinking!



ABSTRACT

The multi-principal element alloys (MPEAS) known as high- and medium-entropy
alloys possess promising properties due to their highly distorted atomic crystal structures.
Employing multi-elements as principal elements has enabled a new platform for novel alloy
designs and fabrications. Adding other phases as a heterogeneous phase in MPEASs structures
can boost the mechanical behavior. Therefore, the heterogeneous MPEAs address the

strength-strain trade-off in most of the conventional alloys.

In this thesis, the microstructural evolution and mechanical behavior of two novel
heterogeneous high-entropy alloys (HEA) are investigated through thermo-mechanical
processing. Using the CALPHAD approach the compositions have been confirmed and
subsequently cast. The homogenized samples for both compositions possessed a single-phase
uniaxed face centered subic (FCC) structure with high ductility. Possessing high ductility
levels in the homogenized condition enabled us to apply high thickness reductions via rolling

at room temperature without crack propagation from edges.

This study confirms that the sigma phase contribution becomes more significant in
the microstructure at higher annealing temperatures. However, the body centered cubic
(BCC) phase contribution as a suitable hard-domain becomes less with increasing the
annealing temperature. As such, a systematic approach to investigate the effects of the sigma
phase and degree of recrystallization on the microstructure and mechanical behavior of the

HEAs is presented.

In addition, samples subjected to annealing exhibit transformation-induced plasticity

(TRIP) under plastic deformation. Results show that the sigma phase can limit the TRIP

iv



mechanism in the alloy system since the TRIP-assisted BCC phase is decreased with
increased sigma phase present in the microstructure. As such, the designed TRIP-assisted
multi-phase HEA enables a combination of 1 GPa yield strength and about 10% of strain at
failure for the optimum condition of post-rolled annealed at 750 °C for 30 minutes samples.
Moreover, this work introduces a novel high strength HEA with proposing a proper
combination of homogenization, rolling, annealing, and aging sequences and details for this

composition.



OZET

Yiksek ve orta entropili alasimlar (YEA) olarak bilinen ¢oklu element alagimlar
(MPEA), yiksek seviyede c¢arpilmaya ugramis kristal yapilari nedeniyle pratikte umut
vadeden Ozelliklere sahiptir. Coklu element yapilarinin, ana elementler olarak kullanilmasi,
yeni alagim tasarimlari ve bunlarin Gretimi i¢in yeni bir platform saglamaktadir. MPEA bir
yapiya eklenen baska bir heterojen faz, bu alasimlarin mekanik Ozelliklerinin gelismesini
saglamaktadir. Bu nedenle, heterojen MPEA'lar, geleneksel alasimlarin ¢ogunda goérilen

mukavemet-gerinim takasini ele almaktadir.

Bu tezde, iki yeni heterojen yiiksek entropi alasiminin (HEA) mikro yapidaKki
degisimleri ve mekanik Ozellikleri, termo-mekanik prosesler ile incelenmistir. CALPHAD
kullanilarak alasimlarin bilesimi kontrol edilmis ve dogrulanmistir. Buna goére alagimlarin
dokim islemi gergeklestirilmistir. Homojenize edilen numunelerin, yiiksek siineklige sahip,
tek fazli ve es eksenli yuzey merkezli kilbik (YMK) yapiya sahip oldugu gozlemlenmistir.
Alasimlarin sahip oldugu yiiksek suneklik 6zelligi, oda sicakliginda uygulanan haddeleme
islemi sirasinda herhangi bir ¢atlak olusumu meydana gelmeden malzeme kalinliginin daha

fazla azaltilabilmesini saglamustir.

Bu ¢alisma, daha yiiksek tavlama sicakliklarinda mikro yapida bulunan sigma fazinin
etkisinin daha 6nemli hale geldigini dogrulamaktadir. Ancak, daha sert yapida olan hacim
merkezli kibik (HMK) fazinin katkisi, artan tavlama sicakliginin ile ters orantili olarak
azalmistir. Bu calismada, sigma fazinin ve rekristalizasyon derecesinin YEA’nin mikroyap1

gelisimi ve mekanik Ozellikleri tzerindeki etkileri incelenmistir.
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Bunlara ek olarak, tavlama 1sil islemi uygulanan numuneler, plastik deformasyon
altinda donlisim kaynakli plastisite (TRIP) davranisi sergilemektedir. Sonuglar
incelendiginde sigma fazinin TRIP mekanizmasini sinirlandirdig1 goriilmistiir. Keza TRIP
destekli HMK faz1 sigma fazi arttik¢a diisiis gostermektedir. Bu nedenle, bu c¢alismada
tasarlanan TRIP destekli, ¢cok fazli YEA, 30 dakika 750°C'de tavlanan numunelerde akma
mukavemeti 1 GPa olarak gozlenmis ve kopma noktasinda yaklasik %10 gerinim elde edilen
bir alasim kombinasyonu saglanmistir. Ayrica, bu ¢alisma homojenlestirme, haddeleme,
tavlama ve yaslandirmanin uygun bir kombinasyonunu onererek yiuksek mukavemete sahip

yeni bir HEA sunar.
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CHAPTERI

INTRODUCTION

1.1 Motivation

Since the development of the first alloys by humans, alloys have been evolved to
provide engineered materials with improved mechanical and chemical characteristics. These
engineered materials are a vital part of materials that have been designed and fabricated
artificially to enable groundbreaking mechanical characteristics, e.g., simultaneous high
strength and ductility for various usages and industrial applications considering different

engineering and safety aspects.

Therefore, the advancement of high-performance alloy compositions possessing high
strength and ductility is a highly attractive field of science and technology. The stress-strain
trade-off has always challenged the researchers since the strengthening of the alloy via
conventional strengthening methods leads to decreasing the strain values. On the other side,
increasing ductility can shift the stress to lower values. This behavior is known as the stress-
strain trade-off. This said, designing alloys using conventional concepts and methods restricts

the discovery and fabrication of new alloys with advanced characteristics.

The concept of Multi-Principal Elements (MPE) materials, generally known as high
entropy alloys, is a different and new alloy design method that enables a new platform for
material design with advanced characteristics, offering broader opportunities to discover

many novel alloys with extraordinary characteristics.



In 2004, two different research groups simultaneously announced the Multi-Principal
Element Alloys (MPEAS) with high strain value at Giga Pascal (GPa) levels [1,2]. After the
introduction of the Cantor alloys with a single-phase face-centered cubic (FCC) with an
equiatomic combination of five elements of Fe, Ni, Cr, Co, and Mn, a huge part of research

in developing alloys concentrated on this composition.

Since the first introduction of MPEAs, numerous alloys using this multi-principal
alloy concept have been developed in a single phase of FCC atomic crystal structure. Soon
after, researchers developed new MPEAs with multi-phase microstructures known as
heterogeneous MPEASs. This strategy enables researchers to overcome strength-ductility
synergy. Heterogeneities such as variation in the crystal structure, composition, grain sizes,
and many other characteristics can make the alloys benefit from different mechanical

behaviors of contributed parts.

However, it should be noted that fabricating heterogeneity as hard/soft domains in the
microstructure will not always result in improved strength-ductility synergy. The introduced
morphology, i.e., size, fraction, and distribution, of hard/soft domains are determinative in
the final mechanical behavior. Design and fabrication of a delicate system that contains all
optimum parameters is not an easy task because it requires extensive theoretical analysis and
experimental validations. Although using brute-force optimization of microstructural
characteristics and manufacturing parameters could, in principle, work for some cases in
solving stress-strain trade-offs, this is not a universal technique and will not provide a

solution for all material design problems we may deal with [3].

Extensive studies have been done on the effect of each parameter involved in the

design and fabrication process of conventional alloys. However, there are only a limited
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number of similar studies on heterogeneous MPEAs. Therefore, introducing a perfect design

path for heterogeneous MPEAs remains to be discovered. More research works are needed

to be done by concentrating on developing a solid and universal way in the design and

fabrication of heterogeneous MPEAs with high-strength ductile alloy systems.

1.2

Research objectives

The main goal of this work is to design, fabricate, and study the novel heterogeneous

MPEA compositions and provide a deep view of the plasticity mechanisms (including TRIP)

in the interaction of different present phases and their distribution and morphology. These

goals have been achieved through the following steps:

1.

1.3

Investigating the most appropriate heterogeneous MPEASs and selecting the proper
elements to work with.

Investigating, simulating, and running the possible phase diagrams originated by the
selected compositions.

Designing the most proper path including homogenization temperature and time,
applied cold work level, reduction temperature, post-deformation annealing
temperature and time, aging temperature, and duration for causing target micro and
nano-structured heterogeneous alloys after casting.

Investigating the mechanical behavior at room temperature (RT) and its related

microstructural characteristics.

Work Summary

In the current study, multiple heterogeneous multi-principal element alloys (MPEAS)

have been designed, fabricated, and studied throughout a systematic process. Microhardness



tests have been done in all required steps for having a better understanding of the materials’
stage before any advanced mechanical tests. Annealing and aging temperature and time have
been selected based on the microhardness tests. Isothermal uniaxial tensile tests were
employed for the prepared dog-bone-shaped samples. This test was run under strain rates of
0.015 s to study the effect of different microstructures on the mechanical behavior of the

alloy.

The fabricated microstructure for 1st composition at 750 °C showed a superior Y'S,
UTS, with acceptable strain to failure, and uniform elongation of 1 GPa, 1.075 GPa, 10%,
and 5%, respectively. It has been proved how the mechanical behavior of the alloy is affected
by the sigma phase. In addition, the relation of Transformation Induced Plasticity (TRIP)
with characteristics of the present sigma phase in the microstructure was studied in detail. In
addition, the introduced microstructure in the 2nd composition via 15 min-900 °C annealing
followed by 180 min-650 °C aging revealed a superior YS, UTS, and ductility of 1.283 GPa,

1.457 GPa, and 20%, respectively.

1.4 Research questions

In general, the following questions have been addressed throughout this work,

shedding light on some of the unanswered questions:

e What are the microstructural characteristics of the new heterogeneous MPEAS in as-
received, rolled, different annealing, and aging conditions?

e How can different approaches in the annealing step affect the mechanical behavior?



Can the fabrication of heterogeneous structures boost mechanical behavior? If yes,
what are the mechanisms present in these approaches, and what is their contribution
in intensifying the mechanical behavior?

What is the effect of the various phases in the microstructures of the designed
MPEASs? How can they affect the mechanical behavior? And is there any acceptable
amount of a certain phase for boosting the mechanical behavior via dislocation

motion and/or other mechanisms such as TRIP?



CHAPTER IT

PREVIOUS WORK

2.1 Introduction to Multi-principal Element Alloys

Multi-principle element alloys (MPEAs) have increasingly been represented as
candidates to cover demands for materials with superior mechanical behavior [4].
Overcoming the strength-ductility trade-off has been one of the controversial topics in
modifying the alloys. High- and medium-entropy alloys (HEA and MEA) comprising several
principle elements evoke great attention due to their unique mechanical and chemical
behaviors [5,6]. The MPEAs were introduced in 2004, and since then, they have opened up

new horizons in materials advancements [1,7,8].

The concept for this new approach in alloy design was to introduce baseless multi-
elements alloys. The single-phase face-centered cubic (FCC) MPEAs possess low yield
strength (YS) values with high ductility in the annealed condition at room temperature [9].
Multiple research has proven that possessing a single phase in an MPEA does not necessarily
lead to higher stability, and as mentioned previously most of the time leads to moderate
mechanical behaviors. Such characteristics presumably limit the potential usage of these
alloys. Therefore, considerable research was conducted to introduce new microstructural

designs and produce heterogeneous MPEAs to boost the mechanical properties [10,11].

2.2 Strengthening Mechanisms

The general concept of all strengthening mechanisms is decreasing the movement
ability of the dislocation in the microstructure by introducing obstacles. The homogeneous
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materials can be strengthened by methods like precipitation hardening, grain boundaries, and
solid solution strengthening. However, introducing heterogeneity in the system is another
efficient way. This kind of structure can primarily be introduced by causing variation in their
crystal structure, chemical composition, stacking fault energy (SFE), and grain size variation

[12,13].

Here, two main mechanisms that have the most contribution to this thesis work are

explained in detail.

2.2.1 Grain Boundary Strengthening Mechanism

In general, materials can be modified in their strength properties via introducing
homogeneous [14] and heterogeneous structures in the designed alloy [15]. The grain
refinement (homogeneous) improves the mechanical behavior by increasing the density of
grain boundaries as barriers against dislocation movement during plastic deformation [16]
(see Figure 1a). In other words, with decreasing the grain sizes in the alloy microstructure, a
lower number of dislocations can be introduced in the grains and can lead to a lower

dislocation pile-up (pressure) at grain boundaries (Figure 1b).

Based on the Hall-Petch strengthening mechanism, decreasing average grain size
leads to an increase in the hardness of the material. Therefore, the nanocrystalline materials
should possess higher strength than those with coarser grain size. Materials based on their
average grain size are divided into four main categories: Micron-Size Structure having a grain
size of over /um, Submicron Grains with a grain size of 500 nm < d < 1000 nm, Ultra-fine
Grains (UFGS) in the range of 100 nm < d < 500 nm, Nano-Crystalline Grains with a grain

size of less than 100 nm.



With such an approach the dislocations’ ability to move into the next grains and
density of dislocation at the grains drops sharply. Therefore, the strength of materials can be
increased by a decrease in their grain sizes corresponding to oy=co+kyd 2 (Hall-Petch
equation). In Hall-Petch equation, oy is yield strength, oo indicates the strength in a single
crystal mode, ky is constant, and d stands for grain size. In addition, hardness is evolved with
Hyv = Ho + kyd 2 where the Hy is modified hardness, Ho is hardness in a single crystal mode,

ky is constant, and d represents the average grain size after modification.

Gy, -
a ralj] 4

Figure 1. Schematic representing the (a) grain boundary formation due to atoms interaction
of two lattices with two different atomic crystal orientations and (b) dislocation migration to

grain boundaries regarding the grain sizes.

However, increasing the strength of the material by decreasing the average grain size
is limited depending on the materials. In other words, after a specific grain size (around 30
nm), more decrease in the grain sizes does not increase the strength and it starts to behave
against and material loses its superior mechanical behavior. At this point, the density of the
grain boundaries is very high and the difference between the interior part of grains and their

boundaries is unrecognizable. Therefore, there will be an extremely limited capability for



dislocations to be created and moved [17]. This behavior is known as the Inverse Hall-Petch
effect and it has been proven by various experimental [18] and molecular dynamic (MD)

simulation [19,20] research works.

On other hand, the dislocation production source and movement mechanism will be
confined by decreasing the grain size to nanometer levels. For instance, Figure 2a is
demonstrating the Matthews critical thickness concept [21] for a spiral and Frank-Read
dislocation source [22] in a twisted epitaxial layer on a substrate, and Figure 2D is illustrating
the Frank-Read source operation in a grain. It is shown that after a specific distance and
diameter some particular mechanisms will be paralyzed, and they will be unable to produce
and help in continuous plastic deformation processes and will negatively affect the

mechanical behavior in the material.

a b >__§~‘<

Spiral v
Santoe Epitaxial /

Strained \
Layer Frank-Read
Source

Figure 2. (a) the Matthews critical thickness concept and (b) the Frank-Read source

operation in a grain [21,22].

2.2.2 Back-Stress Effect

The recent research works have shown that the conventional strengthening methods

are not good enough in acquiring an excellent mechanical behavior. The conventional



mechanisms mainly lose one factor of high strength and/or high ductility at expense of
increasing other (stress-strain trade-off). However, a heterogeneous approach seems a proper
solution to conquer this common problem. These structures get their strength from hard-
domain and ductility from soft-domain and lead to a strength-ductility synergy. This new

strengthening approach is based on the concept of back-stress and forward-stress effect [23].

During deformation to failure, the deformation process can be divided into three main
stages. As illustrated in Figure 3, both the hard and soft domains start a simultaneous elastic
behavior. In this stage, there is no difference between the domains (Stage I Figure 3a), and
both are in the elastic region. In the second stage, the soft domain is in its plastic zone and
starts to produce dislocation and plastic behavior (Stage II Figure 3b). However, the hard

domain still is in the elastic region and dislocations do not happen for this phase yet.

Due to this asynchronous behavior a mechanical incompatibility generates and leads
to applying constraint on the soft domain due to inability in free deformation. Moreover, to
keep a continuous strain across the interface, a level of strain gradients happens in the soft
domain close to the phases’ interface. In overcoming and accommodating the strain gradient
and providing a simultaneous deformation ability between two domains, the soft domain
starts to generate dislocations that are not produced in normal situations. The geometrically-
necessary dislocations (GNDs) as a solution are proposed in such a scenario by the

constrained microstructure [24].

The generated GNDs cause back-stress which is applied at long-range in the material
in the opposite path to the applied force. The back-stress helps to strengthen the soft domain
by interfering with the dislocations’ movement and leads to delay in rupturing of the soft

domain. By postponing failure in FCC phases, the hard domain starts the plastic deformation
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(Stage III Figure 3c) and the alloy system initiates its simultaneous deformation in the plastic

region [25,26].

Stage 1

The Alloy is in
elastic region for
both FCC and BCC
phases. There is a
simultaneous
elastic behavior

b

Q

Stage 2 > S

The FCC phase as 0§ C% §
soft domain is in T ] =
plastic region, g g S
The BCC phase as 2 SRS
hard domain is in @, B g
elastic region R 2
R O 2

28

=

Stage 3

Both FCC and BCC
phases are in plastic
region

Figure 3. Different stages of heterogeneous microstructure under plastic deformation (a)
both hard and soft domains are in the elastic region, (b) soft domain is in the plastic region
and doing transformation induced plasticity (TRIP) and the hard domain is in the elastic

region, (c) both the hard domain and soft domains are in the plastic region.
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Besides the GNDs pile-up processes, generated GNDs evolve stress focusing on the
boundaries (FCC-BCC interface) and BCC phase as hard domain begins yielding to adapt to
this stress concentration. The stress concentration creates a stress zone in a similar path to
the applied force, which is called forward stress. It means that the caused strength is not only
initiated from back-stress since the system has forward stress too. These forward and
backward stresses generated by GNDs creation and piling-up processes are initiated from
hetero-deformation of the designed microstructure (Figure 4). Therefore, new concepts of
hetero-deformation-induced (HDI) stress and HDI hardening can be introduced to define the
back-stress and back-stress hardening [23]. Based on the literature the interaction of back-
stress and forward stress and created HDI-stress and HDI-hardening are not clear yet and

new research needs to be done to give a crystal-clear view of the whole mechanism.

By vyielding at the interfaces, most probably, the system starts to stress and strain
relaxation [27,28]. At the final stage, both soft and hard domains start the plastic deformation
simultaneously, and higher withstand to plastic strain in the soft domain leads to strain
partitioning. On other hand, the hard domain tolerates higher amounts of stress which result
in stress partitioning (Stage III Figure 3c). In general, it can be told that a strain gradient is
generated at the interface of soft and hard domains to ease the strain and stress partitioning,
and boost strain hardening capability due to the back stress effect [29]. Since introducing this
approach, the hard domain-soft domain heterogeneous microstructure seems the only way to

improve the YS and strain instantaneously unlike conventional strengthening mechanisms.
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Hard-Domain Soft-Domain

Forward Stress Back Stress

Figure 4. Schematic presenting the GNDs and caused forward stress in the hard domain and
back stress in the soft domain.

2.3 Thermodynamics of Multi-Principal Element Alloys (MPEAS)

2.3.1 The effect of entropy contributions on phase stability in binary

random solid solutions

Based on the designed alloy composition, MPEA can form a simple-phase solid
solution, like FCC, BCC, and/or HCP phases more probably at higher temperatures.
However, this can be expanded to lower temperatures in some cases. Due to thermodynamic
laws, the system is trying to minimize the present Gibbs free energy (AGmix) as much as
possible to attain a stable or metastable equilibrium condition. Enthalpy (AHmix) and Entropy
(ASmix) are associated with AGmix at a specific temperature (T, expressed in Kelvin) by Eq.

1.

AGnmix = AHmix — T ASmix (1)
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Eq. 1 shows that by increasing ASmix and/or decreasing AHmix, the total Gibbs free
energy can be decreased. The entropy depends on four determining parameters of the
configurational, magnetic dipole, vibrational, and electric randomness. Between these
parameters, the configurational factor for MPEAs is higher due to multiple principal elements
in comparison to conventional alloys. The Gibbs free energy with the contribution of
enthalpy and entropy determines the phase stability in a system. The enthalpy is indicating
the development of a stable solid solution and an unmixing situation can happen in higher
enthalpy values. The contribution of the ASmix in comparison to AHmix is less important and
it is used for determining the order-disorder status of the produced phases. However, at higher
temperatures, the TASmix acts as a dominant factor and leads to the reason why the MPEA

system tends to form a single-phase structure at higher temperatures [30].

Boltzmann’s equation (2) iS representing the configurational entropy for a specific

system. The configurational entropy rises with the contribution of various elements.

- )
ASpix = —RZcilnci =RInN
i=1
By employing the mentioned equation (Eq. 2), the configurational entropy can be
calculated for the equiatomic system (Table 1). The values have been calculated up to 13
different elements since, after this level, increasing the element’s number makes a slight
difference in total entropy. In addition, higher values in entropy effectively decrease the

phases’ presence possibility and increase the solubility of elements with different radii and

characteristics.
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Table 1. Entropy distribution with regards to the number of different elements.

Low Medium

0 1.1 1.5R
n 1] 2 [ 3] 4 PEES

AS,,;i/R| 0069 | L1139 [ 161 |1.79

2.3.2 Single Phase MPEA

Single-phase alloys are known as compositions that possess just one present phase of
FCC, BCC, HCP, and/or other atomic crystal structure in the alloy system [31]. Phases in the
thermodynamic software can be called in different names and proper care should be taken
when dealing with these. For instance, the FCC phase in thermodynamic software is present

as the Gamma phase and the sigma phase represents the BCT crystal structure.

In the single-phase MPEAs, after passing the melting temperature to lower amounts,
the alloy stays in one single phase without degradation and introducing other phases in the
microstructure. These kinds of alloys own limited mechanical and chemical behaviors. As
shown in Figure 5, research work in this sort of MPEAs have grown very slowly, e.g., in
2019 only 146 paper has been published in this area which is a much lower number in

comparison to the number of publications in the area of heterogeneous MPEAs [32].

The FCC-MPEAs have very ductile behavior, but their strength is not acceptable in
most cases. On the other hand, the BCC- and HCP-MPEAs possess high strength with lower
ductility. The Valence Electron Concentration (VEC) is one of the main parameters that can

influence mechanical behavior. Therefore, by tailoring the VEC values the mechanical
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behavior can be tuned. The FCC atomic crystal structure can dominate the alloy in modifying
the mechanical behavior to more ductile behavior by adding elements with higher VEC
amounts. However, by adding elements with lower VEC amounts the BCC phase gets more

favored in the microstructure, and alloy shows higher strength.

1000
All Paper
—e— Single Phase MPEA

800
P 600 A
O
=
=,
Z 400 -

200

0 ?3?‘?‘?-?)41/

2004 2006 2008 2010 2012 2014 2016 2018 2020

Year

Figure 5. Statistics of published papers in multi-principal element alloys (MPEAS), the orang
graph is representing whole published papers, the blue graph is illustrating the MPEA papers
published in single-phase MPEAs from 2004 to 2019.

The VEC concept is acceptable when there is a solid solution. As mentioned
previously, the presence of a multi-principal base in MPEAs makes these alloys vulnerable
for single-phase formation. Therefore, the VEC definition for stabilizing different crystal
structures is prominently valid for MPEAS and not for intermetallic structures and others. On
the other hand, the factors of enthalpy, atomic size difference, and electronegativity are
working against stabilizing the single phase. The VEC factor at higher temperatures is the

determining factor since the entropy effect is high at higher temperatures. It must be
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mentioned that nothing is solid in this conversation and the pointed roles can be evolved

based on the situation.

Strategies in alloy design are adjusting these factors in a way that alloy shows a single
phase at a higher temperature (for homogenization process) and multiple phases at a lower

temperature (introducing heterogeneous microstructure).

2.4 Heterogeneous MPEA

Heterogeneity in the crystallographic texture of a designed alloy may enhance the
mechanical behavior without applying any changes in the chemical composition of the base
alloy. Various methods can be employed to generate a specific texture based on the
considered final target. High-pressure torsion (HPT) [33] (see Figure 6a), Rolling [14] (see
Figure 6b), and equal-channel angular pressing (ECAP) [34] (see Figure 6c) are three main

manufacturing methods in modifying alloy structure in the micro-and nano-levels.

Deformation mechanisms can directly be influenced by the SFE of the understudied
material [35]. The FCC-structured MPEAs with high SFE values have a low tendency to
form twinning during plastic deformation [36]. The aforementioned characteristics provide
a high potential for the FCC MPEAs to be processed via stated manufacturing processes with
the least possibilities of initiating mechanical processing issues. According to previous
research the FCC phases always possess a ductile behavior with low strength, however, the
BCC phases are more strength with lower ductility. Therefore, having these two phases with
completely different mechanical behavior can provide a mechanical behavior that owns
strength besides ductility. The metastable dual-phase (DP) alloy systems consisting of face-

center cubic (FCC) and body-centered cubic (BCC) phases have received significant
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attention due to their mechanical behavior capabilities [37-39]. They possess higher meta-

stability attributed to introducing a lower SFE phase in the alloy system.

a ] wer b
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Figure 6. Processing methods (a) High-Pressure Torsion (HPT), (b) Rolling, and (c) Equal
Channel Angular Pressure (ECAP).

For the first time, Tong et al. presented the AlxCoCrCuFeNi (x= 0 to 3.0 in molar
ratio) with FCC-BCC atomic crystal structure. They showed how an atomic crystal structure
in a specific MPEA can be altered by changing the chemical composition in very slight
amounts [40]. After this breakthrough, multiple research works have been done in studying
the mechanical behavior of dual-phase FCC-BCC structures [41], chemical behavior [42],

phase evolution [43,44], and process effect in these DP-MPEAs [45]. The FCC-BCC
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heterogeneous MPEAs have introduced fascinating mechanical, chemical, electrical, and
numerous other unique behaviors to the world of designing materials with advanced
characteristics. Recently in 2021, these alloys were studied for their oxidation behavior [46],
magnetic behavior [47], and superior mechanical behavior [48] via employing cutting edge

fabrication methods [49] and complicated chemical compositions [50].

Table 2 is representing a comprehending review of the chemical composition of some
MPEAs and resulting atomic crystal structure. This table does not include all known FCC,
BCC, FCC-BCC, BCC, and/or other contributions with Laves and intermetallic, however, it
depicts the phase evolution under changing the contributed elements. The compositions are
showing how with even a slight change in elements amount the present atomic crystal
structure is altered. The ASmix values are increasing with increasing the number of present
elements in the system, e.g., with mixing 9 elements in Fe\VMnCoCuNiCrTiAl> composition

the ASmix value increases to almost 18.

In addition, it seems that a huge part of research works start with a ductile FCC base
atomic crystal structure and shift to BCC structure. Therefore, this strategy is an acceptable
approach in introducing a brand new MPEA alloy. The VEC values at maximum amounts
are 10.5 and move to values up to 4.56 in a complete BCC phase structure. Plus, the

calculated values altered easily even with adding amounts like 0.1 in atomic percent (at%).
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Table 2. MPEAs composition and their atomic crystal structure with related atomic and

thermodynamical calculated amounts.

Reference Composition Phase ASmix 9 VEC
FeCoNiAlO0.1Si0.1 FCC 10.87 | 295 | 8.66
[51] FeCoNiAl0.2Si0.2 FCC 11.75 4.02 8.35
FeCoNiAl0.3Si0.3 FCC+BCC 12.32 4.76 8.08
FeCoNiAl0.4Si0.4 FCC+BCC 12.32 4.76 8.08
[52] CuCoNizZn FCC 11.53 4.67 10.5
FeNiCuCrAl FCC+BCC 13.38 5.63 7.%0
[53] FeCoCrNi FCC 1153 | 029 | 8.25
[54] FeCoCrNiPd FCC 13.38 4.04 | 8.60
[55] FeVVCoCuNi FCC 13.38 2.20 8.60
[56] FeCoNiCrAl0.25 FCC 13.38 5.78 7.20
FeCoNiCrAlI0.5 FCC+BCC 13.15 4.60 7.67
[57] FeNiCoCuCrTi0.5 FCC 14.70 4.82 8.36
FeNiCoCuCrTi0.8 FCC+Laves 1487 | 570 | 8.14
[58] VTiTaNbAIO.2 BCC 12.57 3.85 | 4.67
TiVTaNbAIO0.5 BCC 13.15 3.74 4.56
FeCrCoNiCuAl0.3 FCC 14.43 3.42 8.47
2 FeCrCoNiCuAlO0.8 FCC+BCC 14.87 492 8.00
FeCrCoNiCuAll.3 FCC+BCC 14.85 5.69 7.60
FeCrCoNiCuAl2.8 BCC 14.01 6.57 6.72
FeTiCrNiCoAl0.5 FCC+BCC+CoTi2+ | 14.70 7.04 | 7.00

[59] FeTi
FeTiCrNiCo FCC+BCC+CoTi2 13.38 6.68 7.40
FeTiCrNiCoAlIl.5 FCC+BCC 14.78 7.29 6.38
[60] FeVMnCoCuNiCrTi BCC 17.99 6.27 6.60
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Al2

FeTiCrCoNiAl BCC+BCC 1490 | 7.22 | 6.67
[61] FeCrCoNiAl BCC 13.38 | 578 | 7.20
[62] MoTaNbW BCC 9.13 | 033 | 9.00
[63] HfNbZr BCC 9.13 | 500 | 4.33
[64] FeNiCoCuCrAISi FCC+BCC 16.18 | 6.13 | 7.29
[65] NiTiCoCuZnAl FCC+BCC 1490 | 6.91 | 7.33
[66] FeNiCuCrMo FCC+FCC+BCC | 13.38 | 358 | 8.20
[67] NbZrCrTiIg/IOO.STaO. BCC+BCC+Laves | 1453 | 8.04 | 4.90

2.5 Sigma Phase Effect in DP-MPEAs

Thermomechanical processing of MPEAs can lead to the introduction of some other
phases that can be negatively or positively affect the mechanical behaviors. The intermetallic
sigma phase in MPEAs is one of those phases that can introduce unintentionally or
intentionally based on the final goal. This chromium-rich (Cr-rich) phase usually precipitates
at a higher temperature during fabrication steps. For example, in rolling and annealing at
elevated temperatures, and in casting and welding processes. This phase possesses a base
center tetragonal (BCT) atomic crystal structure and is brittle since it owns a limited slipe
system during plastic deformation. Therefore, with introducing the sigma phase in the alloy
microstructure there is a high possibility to decrease the mechanical behavior in MPEAS

[68,69].

The sigma phase presence can be affected by changing the FCC (austenite) and/or

BCC (martensite) stabilizers. For instance, nickel (Ni) as an austenite stabilizer can
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profoundly decrease the presence probability of the sigma phase in the alloy microstructure.
In other words, decreasing the nickel (Ni) can introduce more sigma at higher temperatures
[70]. The MPEAs with a wide chemical composition range besides high contributed values
of elements are vulnerable to introducing the sigma phase in their structures. Therefore, the

sigma phase precipitation can effectively tune in MPEAs based on final mechanical behavior.

The intermetallic sigma phase presence can halt the grain growth in the
recrystallization process because of Zenner pinning effect and can contribute to positive
factors in tuning the final mechanical characteristics [70]. However, as mentioned before, the
Cr-rich sigma phase is not acceptable in all situations, and in most cases, the negative point
of the sigma phase can overcome the positive points [71,72]. The Cr-rich sigma phase was
profoundly reported in multiple research works and was studied in detail to show how the
sigma phase in different combinations can affect the other phases’ contribution to

microstructure and mechanical behavior of high and medium entropy alloys [73,74].

Knowing the generation mechanisms of the sigma phase for having a universal
concept of possible mechanical and chemical characteristics is highly important. The sigma
phase nucleates in two main areas: grain boundaries and grain interior. During the casting
process, the sigma phase generates at grain boundaries, however, this intermetallic phase
nucleates at grain interior during annealing processes [69]. The twin boundaries are other
places that thermodynamically have higher energy in microstructure but this energy is not

quite enough to make these regions possible zones for sigma phase initiation [75].
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2.6 Transformation Induced Plasticity (TRIP)

The transformation-induced plasticity (TRIP), in general, can be defined as “...
substantially enhanced plasticity under a phase evolution”. In terms of the microstructural
viewpoint, the TRIP mechanism can be described as the evolution of the austenite phase to
the martensite phase under specific plastic deformation. By occurring the TRIP mechanism
in the microstructure, the strength and ductility can be intensified simultaneously. The TRIP
mechanism significantly increases the work hardening rate and postpones the failing at the
necking area, which results in higher strain levels than normal plastic deformation without

involving the TRIP effect (see Figure 7).

Straining in presence

4 3 of TRIP 4
2 /l_x'n—:\\mn of Necking *, Inhlbltlon\ Point of
in absence of TRIP > of Necking Failure

Engineering Stress (MPa)
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M: mumlg
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Stage 1: Elastic region (no dislocation movements)
Stage 2: Plastic region (dislocation movements & TRIP initiation)
Stage 3: Plastic region (dislocation movements & necking initiation & slight TRIP)
Stage 4: Plastic region (dislocation movements & necking & fully TRIP)

Figure 7. Schematic representing different stages during elastic and plastic regions and TRIP

mechanism involved stages.
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The main key to a superior strength-ductility synergy is intensifying the strain
hardening ability to carry on with flow stress and postpone the plastic instability during
plastic deformation. The phase transformation mechanism is an influential factor that can
improve the strain hardening capability during plastic deformation. Throughout the
transformation-induced plasticity (TRIP), the base austenite as the soft domain (FCC)
transforms to the martensite as the hard domain (BCC) [76]. In TRIP-base designs, the
strategy is designing and fabricating a low stacking fault energy (SFE) alloy system to
stimulate the TRIP and twinning induced plasticity (TWIP) mechanisms in the
microstructure. In the plastic deformation process of a low SFE system, the whole dislocation
intercepts into Shockley particle dislocation [77,78], and leads to the generation of stacking
faults (SFs) and deformation twins (DTs) as deformation substrates. These mechanisms by

developing deformation substrates enhance the strength-ductility synergy.

Plastic deformation starts with dislocation movements and carries on by the
introduction of dislocation pileups in the grains. Ou et al. have reported that under the TRIP
mechanism, dislocations in the soft domain (FCC) are consumed profoundly by creating the
hard domain (BCC) in the microstructure [79]. Therefore, a metastable MPEA with the
presence of a TRIP mechanism can solve the strength-ductility trade-off besides opening vast

research areas containing various design abilities to find superior characteristics in MPEAs.

2.7 Effect of Elements in TRIP Mechanism

Different elements can have different effects on the phases’ amounts and their atomic
crystal structures. When we talk about the effects of elements on the TRIP mechanism, the
effects of elements on stabilizing the austenite phase should also be discussed. Carbon (C) is

one of the components that can stabilize the austenite phase in the microstructure. It has been
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proved that the carbon amount in the system should be limited to 0.3 wt% [80]. Moreover,
Manganese (Mn) is another element that can help the TRIP mechanism with stabilizing the
austenite phase in the alloy system. Adding Mn in the MPEA alloys has been reported up to
35 wt% [81]. However, other elements can limit the austenite phase in the alloy system.
Aluminum (Al) and Silicon (Si) are two elements that destabilize the austenite and prevent

the TRIP effect [82,83].

2.8 Annealing Twins

Twinning is known as a pair of separate grains that contribute to a crystal lattice in a
symmetrical approach so that the atomic arrangement in grain A can be produced from grain
B by reflection across a common plane (see Figure 8). In twins, the atomic crystal structure
in both grains is the same, but the difference is in various orientations in space. For instance,
the atomic sequence in {111} FCC planes as parent grains can produce twins by 60° rotation
to <111> direction (see Figure 8). Annealing twins can be introduced in different materials

such as simple alloy systems to advanced alloy systems like MPEASs [84].

The annealing twins happen in recrystallization processes and grain growth, and they
occur mostly in FCC crystal structure which possesses low to medium stacking fault energy.
Annealing twins were reported by Carpenter and Tamura for the first time in 1926. These
crystal structures happen because of growth interceptions during recrystallization processes
that apply on deformed cubic close-packed (here means FCC atomic crystal structure). In the
twinning process, the stacking sequence of FCC crystal is changed from ABCABCABC...
to ABCABACBA... at {111} planes. The annealing twins due to their atomic crystal

structure have low interfacial energy at their grain boundaries [85].
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Figure 8. Schematic representing the twin structure and its sequence in an FCC atomic

crystal structure.

These twins’ generation depends on multiple parameters like grain size, presence of
inclusions, level of applied plastic deformation, crystallographic specifics, present stacking
fault energy, grain boundary energy, annealing time, and applied annealing temperature. In
the annealing process, the twin continues to grow up until another growth incident happens,
then the FCC atomic crystal stacking sequence inverted again and continue in the normal

stacking sequence [86].

...ABCABACBA...CBACBCABC...

In the mentioned atomic sequence layers, layer B (represented by red color) shows
the twin interfaces. For a coherent twin boundary, boundary planes are parallel to {111}
planes, however, in incoherent twin boundary, the boundary planes are different than {111}
planes. Annealing twin is an important process that regularly happens during the annealing
process due to abundant grain boundaries’ migration and their incident. The presence of
annealing twins can alter the corrosion behavior and mechanical behaviors like fatigue life

[87]. That is why studying this process in annealed samples is highly important.
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2.9 Empirical Parameters: Valance Electron Concentration (VEC)

The empirical parameters were suggested based on Hume-Rothery rules [88] and the
thermodynamic model of Takeuchi and Inoue [89]. This approach is representing that the
stability in a solid solution is controlled by various factors. The atomic size difference, the
electron concentration, and the difference in electronegativity are the parameters that

determine the stability of a phase in a system.

Here, it has been tried to represent a meaningful and clear definition between
thermodynamic matters and dependent characteristics in the design and fabrication of Multi-
Element Alloys (High- and Medium Entropy Alloys) with focusing on the VEC values. In
one sentence the stability of FCC and BCC solid solutions is well defined by the VEC
amount. In the design and fabrication of alloys always stability of the present phase or phases
Is determinative, which eventually leads to the final mechanical behavior of the designed
alloy. Therefore, having a proper comprehension of phase stability depending on the present

atoms in such alloys is highly appreciated.

In general, the Multi-Principal Element alloys mostly employed Cu, Al, Ni, as FCC-
based elements, Fe, Cr, Mo, and V as BCC-based elements, and Ti, Co as HCP-based
elements in their atomic structure. It should be mentioned that a structure with a fully FCC
atomic structure can be altered to FCC+BCC atomic structure and finally fully revolutionized
to a BCC atomic structure just by altering the present elements. Obviously, shifting from an
FCC to a BCC structure the mechanical properties of the alloy can transform from ductile to

brittle behavior.
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Replacing a specific element (assume element “A”) in an alloy compound with
another element (assume element “X”’), with an atomic radius of more than the previous ones
Rx>Ra leads to lattice distortion energy (Figure 9). In such a situation, the system will try to
decrease this distortion energy by forming a structure possessing a lower atomic-packing-
efficiency structure which is known as BCC structure. It is highly recommended that all these

concepts be translated to quantitative mathematic form instead of qualitative form.

FCC-MPEA

Figure 9. The schematic is illustrating the contribution effect of different atoms with

different atomic radii on the distortion of the atomic crystal structure.

The atomic size difference (§) can be illustrated as shown in equation 3. As an
important point, it should be mentioned that § < 6.6% significantly increases the probability

of one single-phase solid solution structure in the alloy [90].

N

5 = 100 z c(1="i/ )z )

i=1
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r= i Citi “

i=1
While: c; is the atomic percentage of the ith element, r; is the atomic radius of the

ith element

A (5)

where: A45 is the mixing enthalpy of binary liquid AB alloys

All mentioned equations are valid for multi-element alloys. Based on the present
research the critical amount of AH,,,;, for forming a simple solid solution is: —15 kJ/mol <
AH,ix <5 kJ/mol and 1 < § < 6. Furthermore, the boundary values of AS,,,;, for forming

a simple solid solution will be [91]:

12 J/K.mol < AS,,i, < 17.5 J/K.mol

- (6)
ASmix = —R z Ci In Ci
i=1

R is the gas constant,8.314 J/K.mol

Moreover, in the present system as long as 0 > 1.1, the effect of the mixing entropy
is greater than that of the enthalpy of mixing at the melting point, so high entropy phase(s)

will tend to be formed [91].

— TmASmix (7)
|AHmix|

In the further step, the melting temperature for the designed alloy can be calculated using:
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Ty = i ¢i(Tm)i ©

i=1

Fang et al. [92] demonstrated that:

n 9)
Ay = zci()(i - X)?
i=1
= (10)
X= Z CiXi
i=1

Where y; is the Pauling electronegativity for the ith element. Table 3 represents the
most used elements in multi-principal element alloys with their electronegativity, atomic
radius, and VEC amount. In the multi-principal element alloys the average number of
itinerant electrons per atom (e/a), and the number of total electrons in the valence band
(VEC) is the same. Therefore, the possible phases can be easily introduced according to the

represented equation and introduced boundaries [93].

. (11)
e/a or VEC = Z ci(e/a or VEC);
i=1
7.7 < VEC < 8.9 (FCC) (12)
6.8 < VEC < 8.5 (FCC + BCC) (13)
4.2 < VEC < 8.2 (BCC) (14)
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Table 3. Elemental data

Element| Atomic Electrons | Atom Radii Pauling VEC Tm (°C)
Number| Configuration (pm) Electronegativity
B 5 [He]2s22pt 87 2.04 3 2075
C 6 [He]2s22p? 67 2.55 4 3550
N 7 [He]2s22p® 56 3.04 5 -210
Al 13 [Ne]3s?3p? 118 1.61 3 660
Si 14 [Ne]3s%3p? 111 1.90 4 1414
Sc 21 [Ar]4s?3d! 184 1.36 3 1541
Ti 22 [Ar]4s?3d? 176 1.54 4 1668
\Y/ 23 [Ar]4s?3d3 171 1.63 5 1910
Cr 24 [Ar]4s'3d® 166 1.66 6 1907
Mn 25 [Ar]4s23d® 161 1.55 7 1246
Fe 26 [Ar]4s23d° 156 1.83 8 1538
Co 27 [Ar]4s23d’ 152 1.88 9 1495
Ni 28 [Ar]4s23d® 149 1.91 10 1455
Cu 29 [Ar]4st301° 145 1.90 11 1084
Ga 31 |[Ar]4s?3d1%p? 136 1.81 3 29
Zr 40 [Kr]5s%4d? 206 1.33 4 1855
Nb 41 [Kr]5st4d* 198 1.60 5 2477
Mo 42 [Kr]5st4d® 190 2.16 6 2623
Ru 44 [Kr]5s'4d’ 178 2.20 8 2334
Rh 45 [Kr]5st4d® 173 2.28 9 1964
Pd 46 [Kr]4d° 169 2.20 10 1555
Sn 50 |[Kr]5s24d'%5p? 145 1.96 4 231
Hf 72 [Xe]6s24f4542 208 1.30 4 2233
Ta 73 [Xe]6s24f4543 200 1.50 5 3017
W 74 [Xe]6s24f45d* 193 2.36 6 3422
Re 75 [Xe]6s24f145d° 188 1.90 7 3186
Os 76 [Xe]6s24f45d° 185 2.20 6 3033
Ir 77 [Xe]6s%4f45d’ 180 2.20 6 2466
Pt 78  |[Xe]6s'4f5d° 177 2.28 6 1768
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CHAPTER III

EXPERIMENTAL METHODS

3.1 Selecting the composition and general design concept

Based on research works, it has been stated that the atomic size, electronegativity,
average and standard deviation of the itinerant electron concentration, and atomic bonds
mismatch parameters can change via fraction changes in the amounts of the elements.
Altering in mentioned values can shift the dominant phase from FCC to BCC phase in the
MPEAs and vice versa. The main factor in alloy design is the VEC value and is the only
factor that responds accurately to any change in the atomic crystal structure of the present

solid solution.

In heterogeneous MPEAs it is highly recommended to start the design with a single
FCC and/or BCC atomic crystal structure with VEC > 7.7 and VEC < 8.2 for FCC and BCC
phase structures respectively (see Figure 10) [94]. It means that, if it is targeted to have a
main phase of BCC, it should be started with a composition with VEC values lower than 8.2.
Then, the composition should be evolved by adding other elements and changing the VEC

value to tune the microstructure and mechanical behavior.
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Heterogeneous FCC-BCC Zone

Increasing the Presence Probability of BCC Formation

Increasing the Presence Probability of FCC Formation

< 7T7 8T2 >
Boundary A Boundary B

Figure 10. Schematic representing the boundary conditions for FCC, BCC, and FCC-BCC

atomic crystal structures.

The atomic size difference can affect the distortion level of the atomic crystal
structure, so tuning the mechanical behavior is easily accessible by altering the amounts of
the atomic size difference. For instance, it is expected that the highest hardness and strength,
and lowest ductility are obtained with a single BCC atomic crystal structure by shifting to

the value of VEC to 6.13 [37].

Based on the literature review it has been decided to go with elements of Nickel (Ni),
Chromium (Cr), Cobalt (Co), Iron (Fe), and Manganese (Mn) to stimulate the presence of
FCC crystal structure in the alloy composition as the first composition. After multiple trials
and errors, the alloy with a nominal composition of 25Ni-30Cr-30Fe-10Mn-5Co at% has
been selected to carry on. For the second composition elements of Nickel (Ni), Iron (Fe),
Cobalt (Co), Chromium (Cr), Titanium (Ti), and Molybdenum (Mo) to stimulate the mu (p)-
phase in an FCC-BCC heterogeneous MPEAs. The final nominal composition of 32Ni-25Fe-

25C0-6Cr-6Ti-6Mo at% has been chosen for production and fabrication. These compositions
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have been confirmed via two different approaches, theoretical and mathematical calculation,

and thermodynamic calculations by employing simulation software.

3.1.1 The VEC calculations for 1st composition

5

= Z Ciri = Cnivni + Corter + Cpetre + CynTun + CeoTeo
i=1

= 7 =157.55pm

5

8 = 100 Z c(1="i/)2

i=1

. 2 2 2 2
Cni(1 ="M/ + Cor(1=TC/2)" + Cro(1 = TF¢/2)" + Cyu(1 = TM7/2)

=100 2
+Co(1=TC0/2)

= 6§ =4.1689 %

For having a proper MPEA, possessing a small difference in atomic radii & of the
present elements in the understudied alloy composition is vital. As mentioned previously this
value should be less than 6.6%, which here is 4.1%. Thus, it seems that the proposed alloy

composition is on a proper path to take the next steps.
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o AH iy

Table 4. The values of Hmix (kJ/mol) calculated by Miedema's model for atomic pairs
between elements for 1st composition [95].

Element | Ni | Cr | Mn | Co
Fe -2 1-1]0 |-
Ni -71-8|0
Cr 2 | 4
Mn -5

5
AH,,;\ = Z 4 AHJE cic

i=1,i#j
AH,,;,, = —4.02 kJ /mol

S AS iy

5
=—R z cilnc;
i=1

= _R{CNi In CNi + CCT In CCT‘ + CFe In CFe + CMTl In CMTl + CCO In CCO}
= AS,,; = 1.44 R or 11.978 J /K. mol
ASmix Value reveals that the present condition for having a single-phase structure is proper.

~ VEC:

5
i=1

= Cni(VEQ)y; + Cor (VEC) o + Cpe (VEC)pe + Coyyn (VEC) i,

+ Ceo (VEC)CO =
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= VEC = 7.85

So, we will have an FCC+BCC structure for the present alloy.

5

X = Z CiXi = CniXni + CorXer + CreXre + CumXmn + CeoXco

i=1
= 7 = 1.7735
o T
5
= )i = CuiTm)xi + CorTmder + Cre(Tmdre + Cun(Tndn + Coo(T)eo
i=1

T,, = 1596.6 °C

Using ThermoCalc for different temperatures the present phases have been
calculated. This work enables us to have a vision of the selected thermomechanical processes
that want to be applied to the samples. For example, here the present phases with their
detailed information reported for 900 °C. There are two phases as FCC and BCC (calculated

via ThermoCalc):
30Fe-27Ni-26Cr-10Mn -5.4Co (FCC-structure)
58Cr-23Fe-8Mn-7Ni-3Co (BCC-structure)

The results are showing that the alloy possesses a dominant ductile FCC structure and

a less ductile high chromium (Cr) phase with a BCC crystal structure.

(VEC)pce = 0.3(8) + 0.27(10) + 0.26(6) + 0.1(7) + 0.054(9) = 7.846
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(VEC)pcc = 0.58(6) + 0.23(8) + 0.08(7) + 0.07(10) + 0.03(9) = 6.85

Here the values of 7.846 and 6.85 have been acquired for the hypothetical phases of
FCC and BCC, respectively. As mentioned, a high VEC is contributing to forming FCC phase
that delivers enhanced ductility, however, a low VEC is constructive in forming BCC phase
with superior strength. Selecting ideal elements, based on the VEC, is a practical method for

the design and fabrication of MPEA compositions that balance strength and ductility.

According to the calculations in detail, the 25Ni-30Cr-30Fe-10Mn-5Co at% is

decided to take to further steps due to:

I. High potential of ductility.

ii. High potential of causing a single phase of FCC at higher temperature and a
heterogeneous microstructure via introducing an FCC-BCC combination in the
alloy.

iii. High potential of providing acceptable YS and UTS values.

3.1.2 Thermodynamical Based Simulation

The chosen composition after numerous reviews and calculations was run by two
different thermodynamic base software. The employed software was using the CALPHAD
method for their calculation. The CALPHAD method is a trustable way to approach as long
as reliable thermodynamic databases are available for the software. Going through such a
process help to make better decisions about our products and boost the materials design and

fabrication process circumstances more accurately and reliably.

Figure 11 is representing the ThermoCalc simulated phase diagram for the

understudied composition. According to the presented phase diagram, it can be understood
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that the alloy microstructure is a single phase at higher temperatures (1080 °C up to the
melting point). This characteristic is vital for applying the homogenization step since for a
complete homogenized structure having just one single phase is highly appreciated. By
advancing to lower temperature the phase diagram is showing a double phase structure of
FCC-BCC and is proving that with decreasing the temperature the BCC phase is getting
favorable thermodynamically. The acquired data is showing that the BCC phase cannot be

produced more than 10% through thermomechanical processes.
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Figure 11. Calculated phase diagram for the 25Ni-30Cr-30Fe-10Mn-5Co at% at the

ThermoCalc thermodynamic software.

The phase diagram is demonstrating that after passing 825 °C to a lower temperature

the third phase known as the sigma phase produces and the amount of this phase is increasing
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constantly with decreasing temperature. It seems that the presence of the Cr-rich sigma phase
is more favorable thermodynamically in comparison to BCC, ever since the BCC phase is

eliminated from alloy microstructure after 805 °C.

The acquired results from thermodynamic software are not trustable and accurate.
There is a possibility that some phases are introduced in the microstructure at slightly
different temperatures. In addition, the contribution of the anticipated phase in software at a
specific temperature can be different in experimental outcomes. This software just provides
a general view of what should be expected from the designed alloy before taking any

advanced step.

3.2 Heat treatment details for 1st composition

3.2.1 Selecting Post-annealing Temperature

As shown in Figure 11, the alloy melts around 1350 °C which is 246.6 °C lower than
the value calculated based on the atomic characteristics. The difference between the actual
melting temperature and the calculated temperature can be referred into two main reasons:
the macro-level point of view, such as the accuracy of detectors and the environmental
conditions, and the atomic level point of view, like assuming a perfect atomic crystal
structure. Figure 11 is representing that by proceeding from melting point to lower
temperatures the microstructure evolves to double FCC-BCC phase from a single FCC phase
structure and then a triple FCC-BCC-Sigma -structure. Thermodynamically the alloy system
prefers to develop a multi-phase microstructure with decreasing working temperature

because of decreasing -TASmix contribution in Gibbs free energy.
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Conceptually the homogenization process should develop a single-phase in the
microstructure. The motivation in this step is causing grains with the least deviation in size
and distribution. The calculated phase diagram for the alloy is representing a single-phase
structure at 1080 °C to 1380 °C, so the homogenization temperature should be chosen in this
temperature range. For this process, 1150 °C was chosen for the homogenization temperature
because of having a trustable distance from the edge temperatures of 1080 °C and 1380 °C

since the software always can have errors.

This alloy has been designed and fabricated for the first time. Therefore, the alloy
should be tested at a high temperature before running any further fabrication methods. For

this step, it is conventional to test the alloy in little mass in cube form with very sharp edges.

Before Test After Test

Figure 12. Schematic of the pre-step cube for understanding the thermomechanical behavior.
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After the test, the edges supposed to be in perfect form with previous sharpness,
length, and edge angle. During this test, a cube with 3x3x3 mm was prepared and tested for

temperature behavior (see Figure 12). The alloy passed this test in perfect condition.

A double phase of FCC-BCC will help to develop a heterogeneous microstructure
(different mechanical behavior). Therefore, three different temperatures of 750 °C, 800 °C,

and 850 °C were selected to find and introduce a proper heterogeneous microstructure.

3.2.2 Selecting Post-annealing Duration

The post-annealing time is an important factor that determines the characteristics and
quantity of the introduced phases in the microstructure. It can influence the amount of the
annealing level which can affect the mechanical behavior in the fabricated alloy, therefore,
the time parameter is very important to be considered. Hardness tests were performed on the
cold-rolled alloy after post-annealing on the samples with dimensions of 3x3x1 mm for 15

min and 60 min.

Figure 13 is showing that longer annealing time leads to lower hardness and then
lower mechanical behaviors. It seems that fully recrystallized microstructure is the reason,
however, the 15 min is not enough for a full recrystallization process. Due to acquired results
taking an average amount looks more suitable to get the optimum mechanical behavior, so a

30 min annealing duration was selected to proceed (see Figure 13).
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Figure 13. Microhardness results for post-roll annealing at 750 °C for 60 minutes (blue), 30

minutes (red), 15 minutes (black).

3.3 Thermo-mechanical processing for 1st composition

3.3.1 Vacuum Induction Melting (VIM)

The Fe3CraoNixsMnieCos (in at%) HEA after thermodynamical calculation
approvements were cast via vacuum induction melting under an argon atmosphere (see
Figure 14). Heating is done by an electric current that runs in a set of induction coils. The
flowing of electrical current in the copper tube produces a magnetic field and goes through
the crucible. Raw materials in the interaction of magnetic fields get melted and mixed. After
being certain about the melting the homogenized melted composition runs to the Iron-mold

(Figure 14a and b) via centrifuge force and fills it.
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It is highly important to know the materials’ heat radiation behavior, which is known
as emissivity coefficient (g). This coefficient contains amounts between 0 to 1 since 1 refers
to an ideal black body. Employing an under-control atmosphere during the casting process
eliminates oxygen and nitrogen from the casted ingot. Using VIM enables the composition

to be very close to the nominal composition and gives an accurate casting (see Table 5).

Table 5. Nominal composition and cast ingot composition.

Element| Target Composition at% Casted Composition at%
Fe 30 29.7
Ni 25 24.6
Cr 30 30.2
Mn 10 10.3
Co 5 5.2

Employing the VIM technique in comparison to other production methods enables
the researcher to eliminate non-metallic additions and dissolved gasses. In addition, this
approach decreases the macro-segregation to the least amount which can improve the
mechanical behavior of the ingot. By decreasing the segregation of the melt during
solidification needs for further steps to eliminate the segregation effect will fade out. In
addition, the ability to work at a higher temperature under a vacuum circumstance provides
a suitable situation for removing high vapored elements’ gas pressure on and in the melt.
Moreover, with access to higher working temperatures, the separation between non-metallic
and high melting temperature unfavorable compounds with target composition becomes
easier. In the case of microstructure, the VIM produces a system with fine diameter columnar

for small size parts and equiaxed grains for larger ingots.
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3.3.2 Homogenization

This step is running to introduce equiaxed grains with uniform FCC microstructure.
The main goal in this step was to remove all phases except FCC atomic crystal structure from
the alloy system. It is vital to have a uniform single phase to start other fabrication processes.
Based on the calculated phase diagram, the FCC phase is the only present phase at a selected
annealing temperature. As mentioned in the previous parts the MPEAs possess a highly
distorted atomic crystal structure which enables these alloys to resist diffusion. So, the
homogenization time should be long enough to let the system diffuse and thermodynamically

reach the most stable form.

/i

-~ i|| !

- Vacuum Pump

3 W

Furn

ube

Figure 14. Casting and thermal process details (a) casting die’s characteristics, (b) casting

machine, (c) vacuum tube furnace.
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The homogenization should be done at high temperature and long duration so
protecting the samples was vital. Therefore, homogenization was carried out under a very
controlled condition. A vacuum furnace was selected for this target. The ingots were
homogenized at 1150 °C for 10 h in a vacuum furnace (see Figure 14c). During the whole
process, the vacuum was about 7.2x10% mbar. After homogenization, all surfaces were
machined 1mm in depth to remove every possible unfavorable compound such as oxides to

make it suitable for the next step.

3.3.3 Plastic Deformation

Cold rolling is one of the main procedures in introducing submicron and nano-
microstructure in the alloy system. This process is applied under the recrystallization
temperature and most of the time is a combination of multiple steps of rolling to reach the
final thickness (specific level of reduction). Rolling applied the plastic deformation in two
dimensions (2D) and can cause material failure during the reduction process, and it is limited

to the applied plastic level.

During the rolling process the material moves slower than the roll’s speed (see Figure
15 part Q1) and after passing the rolls the material moves faster than the speed of rolls (see
Figure 15 part Q3). Between these areas it is a neutral area with the speed of rolls speed, this
zone is known as the neutral point (see Figure 15 part Q). Before the neutral point, the
friction force tends to drag the under-process material into the roll gap, since the material
moves slower before the neutral zone. The neutral zone’s position is determined by the
adjustment of materials entrance speed with respect to the applied external force by the rolls.
Therefore, the neutral zone does not have a specific area and it can alter based on the present

circumstances in the process. As mentioned, the material is dragged into the rolls with present

45



friction in the process. Therefore, there should be a critical value for friction between the

rolls and material to be able to run the cold rolling process.

Regions and Boundaries

P e S e S

Figure 15. Schematic representing the rolling process and its related parameters and

characteristics.

e1 Material thickness before rolling

e, Material thickness after rolling

R Radii of roles

w Roles’ speed

Q1 MPEA Billet before rolling

Q> Forming region or roll gap

Q3 MPEA Billet after rolling

ZI The entrance of the roll gap

Z-ZI- The exit of the roll gap

2; Arcs of contact between rolls and strip
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Figure 15 is representing the specifics of the rolling process in detail. The gray areas
are showing the MPEA alloy, and the blue areas are illustrating the rolls employed in the
system. During rolling the red part gets under plastic deformation and the curved can get
more in Q1 part and/or retreat based on characteristics of the rolled MPEA. The amount of
plastic deformation is determining the microstructure characteristics so knowing the
reduction level is important in the alloy fabrication procedure. The applied reduction level

can be calculated with the following equation (eg. 15):

T =

61—82:1_(82)_)2_11 (15)
e, -7

€1 3_1
The homogenized ingots were cut in 34x7x7 mm billets via a wire cut machine. The

billets were rolled in multiple passes (each step 0.2 mm reduction) up to 1.4 mm thickness.

eq—e;, 7mm—14mm 5.6mm
r= = = = 0.8 - 80%
e, 7 mm 7 mm

During the rolling process, the sample heated up to 73 °C which initiate from the
applied huge plastic deformation on the atomic crystal of the material. After an 80%
reduction on the billets, some cracks appeared at the edge part of the sheet which was smaller

than 1.5 mm in most of the rolled hillets.

3.3.4 Post-annealing processes

The slabs were sliced to dimensions of 34x7x7 mm, and then 80% reduction was
applied by rolling at ambient temperature. Afterward, the fully homogenized and rolled
billets were annealed for 30 minutes at three different annealing temperatures of 750 °C, 800

°C, and 850 °C. Due to a lower temperature and shorter time in comparison to the
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homogenization process a normal box furnace was employed in this step. The furnace left to
stabilize at each annealing temperature for 30 min before putting the samples inside it. The

samples were cooled down via quenching in water.

3.4 Theoretical Calculations for 2nd composition

3.4.1 The VEC calculations

6

- Z Ciri = CniTni + CreTre + CeoTeo + Corer + Critri + CroTmo
i=1

= 1 = 156.60 pm

6

5 = 100 Z c(1="i/)2

i=1

=100 2
+Cyo (1 — M0/

= § = 6.9565 %

As mentioned previously this value should be less than 6.6%, which here is 6.9565%.
Thus, it seems that the proposed alloy composition is on defined boundaries. But it decided

to carry on because this parameter is not the only determining parameter.

~ AHpy:

48

. 2 2 2 2 . 2
Cni(1 ="M/ + Cro(1=TFe/2)" + Ceo(1 = 0/2) + Cor(1="67/2)" + Cri(1 = TTE/2)



AH,,;, = Z 4 AHJE cqc;

AH,,i, = —7.694 k] /mol

Table 6. The values of Hmix (kJ/mol) calculated by miedema’s model for atomic pairs
between elements for 2nd composition [95].

Element | Fe | Co | Cr | Ti | Mo
Ni 210 |-7 /-3 -7
Fe -1 -1 | -17 | -2
Co -4 1-28| -5
Cr -7 10
Ti -4

S AS iy

6
=—R Z ¢;Inc;
i=1

= _R{CNi In CNi + CFe In CFe + CCO In CCO + CCT‘ In CCT + CTi In CTi + CMO In CMO}
— AS,;, = 1.56 R or 13.004 J/K.mol

ASmix value reveals that the present condition for having a single-phase structure is proper

and the composition is high entropy alloy.

~ VEC:

6
i=1

= CNi(VEC)Ni + CFe(VEC)Fe + CCo (VEC)CO + CCT(VEC)Cr + CTi(VEC)Ti

+ Cuo (VEC) o
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= VEC = 8.41

It seems that most probably the system will have an FCC crystal structure due to the
VEC value. In addition, allegedly the alloy system will introduce the BCC crystal structure
in the alloy system since the SFE value will get affected due to mu (w)-phase (stimulated by

Molybdenum) presence in the microstructure.

6

X= Z CiXi = CniXni F+ CreXre + CcoXco + CorXer + CriXri + CuoXmo
i=1

= y = 1.8603
& T

6
= Z Ci(Tn)i = Cni(T)ni + Cre(Tm)re + Coo(Tm)co + Cor(Tm)er + Cri(Tin) i

i=1

+ CMo (Tm)Mo
T,, = 1595.73 °C

In this alloy, it can be understood that the VEC value is not the only determining
factor. Even with higher VEC in one case, it can be expected to see a different microstructure
than what the mathematical calculations are representing by a slight difference. But these

calculations are showing a sketch of reality in low detail.

According to the calculations in detail, the 32Ni-25Fe-25C0-6Cr-6Ti-6Mo at% is

decided to take to further steps due to:

I. High potential of ductility.
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ii. High potential of causing a single phase of FCC at higher temperature and a
heterogeneous microstructure via introducing an FCC-BCC-mu (1) combination
in the alloy.

Ii. Great potential to reach Giga Pascal YS and UTS with high ductility.

3.4.2 Thermodynamic Based Simulation in 2nd composition

Figure 16 is illustrating the ThermoCalc simulated phase diagram for the second
composition. The represented data is confirming that the system has a single phase at a higher
temperature (1094 °C up to the Melting point). This characteristic at a higher temperature
makes this alloy system capable of running homogenization without producing extra phases

in the alloy microstructure.
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Figure 16. Calculated phase diagram for the 32Ni-25Fe-25Co0-6Cr-6Ti-6Mo at% at the
ThermoCalc thermodynamic software (due to sluggish diffusion rate at lower temperatures,
the present phases at temperatures lower than 550 °C were eliminated from the calculated

phase diagram).
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Progressing to lower temperatures in the phase diagram introduces a heterogeneous
microstructure of FCC+BCC in the alloy system. Moreover, by shifting to even lower
temperatures the p-phase as the third phase gets more favorable and an FCC+BCC+Mu phase

combination is introduced in the alloy system.

This kind of alloy system is very suitable for employing both back- and forward-stress
and pinning mechanisms (using p-precipitation). The p-phases can act as a proper barrier for
locking the dislocations and strengthening the YS and UTS values. It seems that a

combination of these mechanisms will significantly boost mechanical behavior.

3.5 Thermomechanical processing details for 2nd composition

After casting the alloy composition (Table 7), the billets were homogenized at 1150
°C (after high temperature cube test confirmation at 1150 °C for 10 h) for 10 h in a tube
furnace under the vacuum condition of 7.2x102 mbar after confirmation of cube test (see
Figure 12). The samples were quenched in water directly after the homogenization process.
This attitude froze the atomic crystal structure in FCC form and was enable us to have a
ductile base to carry on. Moreover, homogenization for 10 h introduced a courser grain
structure that help to have more opportunity to apply 80% reduction on the billets with the

least crack propagation at edges.

For decreasing wasted materials, the rolled billets were cut into multiple tensile
samples before annealing aging processes. With a close look at the alloy phase diagram, it
can be understood that for having an optimum combination of grain size, grain distribution,
introducing BCC, introducing u-phase, and their size and distribution a simple annealing plan

will not include each single of them. Figure 16 is showing that the alloy is in the FCC+BCC
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zone at 875-1094 °C. This temperature range was selected to have annealing and introducing
BCC phase and new grains and grain boundaries. Therefore, 900 °C was chosen as annealing

temperature.

The samples were annealed at 900 °C for 5, 10, 15, 20, 25, and 30 minutes. These
multiple annealing times were selected to have a general view on the effect of annealing at
900 °C and selecting the optimum annealing duration. Due to high oxidation possibility and
losing the target chemical composition, the annealing processes were done under a controlled
environment (tube furnace under 7.2x102 mbar vacuum). The samples were quenched in

water to room temperature after each process.

Table 7. Nominal composition and cast ingot composition.

Element| Target Composition at% Casted Composition at%
Ni 33 32.6
Fe 25 24.6
Co 25 25.4
Cr 6 6.3
Ti 6 6.1
Mo 6 6.0

The aging processes were applied to the annealed samples at 650 °C. The calculated
phase diagram (see Figure 16) is illustrating that the 541-875 °C temperature range is the best
area to apply the aging step. A temperature lower than 600 °C is quite low for such distorted
atomic crystal structure to have proper diffusion and introduce precipitates. On other hand,
temperatures over 750 °C are high for having a long aging process. The 650 °C was selected
for aging temperature which had all the above-mentioned boundary conditions and was far
enough from boundary values in calculated boundary temperatures via ThermoCalc software.

The aging processes were carried out for 180 minutes to introduce the desired microstructure.
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3.6  Microstructural Characterization

3.6.1 X-ray diffraction analysis

X-ray diffraction is profoundly employed in characterizing the structure of the base
materials at the atomic level. This method provides a general characterization of the whole
material, and it is not specific to an exact region. So doing XRD studies can offer a general
view of the present phases and their structures without missing information very easily. The
phase characterization was conducted by employing X-Ray Diffraction (Bruker D8 Advance)
with Cu-Ka radiation (wavelength 1.54056 A) at a scanning range (26), step size, and time
of 30°-100°, 0.02°, and 1s, respectively. Well-prepared polished flat surfaces were used for

XRD analysis, doing so the samples were mechanically polished up to 2500 grit with SiC

paper.

3.6.2 Scanning Electron Microscopy (SEM)

Scanning electron microscopy (SEM) is a microscopic approach where during
scanning an electron beam radiates and an image is generated by gathering all signals
backscattered from the surface of the sample. The emitted electrons and other participated
radiation in image generation initiate from the primary electrons projected on the surface of
the sample. The SEM equipped with energy-dispersive X-ray spectroscopy (EDS) detector

was employed for fracture surface and elemental map analysis.

3.6.3 Electron backscatter diffraction (EBSD)

Electron backscatter diffraction (EBSD) analysis was performed using secondary and
backscattered electrons. EBSD was carried out using field emission SEM (FEI XL30S) with

a step size of 35 nm. The EBSD samples were prepared by mechanical polishing up to 1200
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grit with SiC paper. These processes were followed by diamond paste (3 and 1 pm) and
finished by colloidal silica polishing (0.4 um). Results were analyzed via the orientation
imaging microscopy (OIM) software (TSL OIM 7). The average grain sizes of the samples
were acquired by employing high angle boundaries (HAGBs) without considering twin
boundaries. Phase fractions were measured using EBSD results which were recorded from
three different regions on the samples. Average values were reported, and the standard

deviation of the phase fraction measurements was lower than 3%.

3.6.4 Transmission Electron Microscopy (TEM) analysis

For TEM studies specimens were cut by Struers Minitom low speed diamond saw.
Thin foils were prepared by disc punching 3mm disks and grinding down to ~100um. After
that perforation was performed by electropolishing with an electrolyte of 20% perchloric acid
+ 80% ethanol solution at about —30 oC with 15V in Struers-Tenupol-5 Double Jet
Electropolisher. Also, some electropolished specimens were further ion milled with Gatan
691 Precision lon Polishing System (PIPS). Specimens were ion polished first at 4 kV for 1

hour, and then at final step at 2kV for 2hours.

The foils were examined with a JEOL JEM 2100 HRTEM operated at 200 kV. Images
were taken by Gatan Model 794 Slow Scan CCD Camera and also by Gatan Model 833 Orius
SC200D CCD Camera. Selected Area Electron Diffraction (SAED) and Energy Dispersive
Spectrometry (EDS) techniques were used to investigate the microstructure. For digital
images Gatan Microscopy Suite (GMS) 2 software was used. For EDS Oxford Instruments
X-MaxN 80 T with Inca software system was used. For diffraction pattern analysis and

crystallography purposes SingleCrystal and CrystalMaker softwares were used.
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3.7 Mechanical Behavior Characterization

3.7.1 Vickers microhardness

Microhardness testing is an approach for measuring the materials’ hardness with the
least destruction with the capability of applying on a very small area (see Figure 17).
Measuring the hardness of the materials can provide a general view of the behavior of the
material with the least damage on the sample. The microhardness test can provide general

information about the mechanical behavior of homogeneous and heterogeneous materials.

F
¥ Edge distance and distance of test point to
136" each other
30
>2.5d > 3 d Stahl/Cu+Lag.
L >3d > 6 d PB/Sn/Zn/Al+Lag.

Figure 17. Schematic representing the Vickers microhardness test with related standards for

avoiding wrong data and decreasing the errors.

In these tests, the Vickers microhardness measurements were performed with a load
of 1000 gf for 15s to an indenter in a rhombus-shape (elongated four-sided pyramid). The
1000 gf was chosen based on the base hardness of the fabricated MPEA. Figure 17 is showing

that how the base MPEA (the least hard condition) is reacting to different forces applied on
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the surface of the samples. Due to increasing the hardness of the MPEA after the annealing
process, having a proper d value for pyramid diagonal, and decreasing the error amounts the
1000 gf was selected for analysis. For eliminating the scratch effect on the results, the surface
of the samples was well-polished up to 1200 grade sandpaper. The results for each condition
were reported based on the average amounts of three hardness tests. The standard deviation
of the reported values was determined to be lower than 5%. All the indentions were done
away from the edge parts (based on mentioned standards in Figure 17) for eliminating edge

effect error from all calculations.

3.7.2 Tensile studies

Tensile samples were prepared in a dog-bone shape (with a gage length, width, and
thickness of 15, 3, and 1.4 mm, respectively) by employing electro-discharge machining
(EDM) Figure 18. The samples were ground and polished to remove the adverse effects of
scratches and residual layers. Uniaxial tensile tests were conducted on an Instron servo-

hydraulic mechanical testing frame at room temperature with a strain rate of 10°s™.
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Figure 18. Schematic representing the characteristics of the dog-bone shape tensile sample,
points 1 and 2 are illustrating the regions for EBSD characterization.
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CHAPTER IV

RESULTS AND DISCUSSIONS

These sections are trying to represent all studies in-depth for 1st composition. The
results for 2nd composition including only mechanical behavior studies are represented in

the last section of this chapter.

4.1 Initial microstructures

The microstructural analysis of the as-received and rolled specimens is demonstrated
in Figure 19. The XRD results show an FCC structure for both the as-received and rolled
samples; however, after rolling, a strong (111) preferred crystal orientation was obtained in
the microstructure of the rolled MPEA (see Figure 19 a-e). As shown in Figure 19d, the
EBSD inverse pole figure (IPF) map of the as-received material represents equiaxed grains

attributed to the homogenization process after casting.

The average grain size of the as-received material is about 159.1 um with a standard
deviation of 67.9 um (see Figure 19d). On contrary, the IPF map of 80% rolled sample
demonstrates ultra-fine grain (UFG) microstructures with a high density of grains with 111
atomic crystal orientation. Furthermore, non-uniform grain size distribution was detected

after the rolling process (see Figure 19e).

By applying up to 80% thickness reduction via cold rolling, many dislocations are
generated in the microstructure. These regions are represented by the black areas, which are
not indexed by the EBSD detector, and could be related to shear bands with high accumulated
strain (see Figure 19e). The Kernel average misorientation (KAM) maps can help for
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providing the strain distribution regarding the dislocation density. The corresponding KAM
value is calculated up to the third closest neighbor in the range of 0-5° for misorientation.
With the calculation of KAM results, 0.337° and 1.688° values are determined for the as-
received and rolled samples, respectively (see Figure 19f and g). The enhanced KAM value
of the rolled sample indicates the presence of a high dislocation density microstructure. The
presence of higher dislocation density can be translated to the ability in modifying the

microstructure for further proper thermomechanical processes.
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Figure 19. (a) The XRD patterns of as-received (blue) and 80% rolled (red) specimen, Phase

map of (b) as-received and (c) rolled sample, EBSD inverse pole figure (IPF) map of (d) as-
received sample and (e) rolled sample, Kernel average misorientation (KAM) maps of (f) as-
received and (g) rolled samples.
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Characterizing the homogenized samples by employing the EDS analysis was showed
that the acquired composition after casting is close to the nominal composition Table 5.
Therefore, the fabrication processes were carried based on the originally calculated phase

diagram through the thermoCalc. Composition of target alloy and cast one.

4.2 Microstructural evolution during post-deformation annealing

4.2.1 XRD and EBSD analysis

The XRD results of the samples annealed at various temperatures are shown in Figure
20a. According to these results, the sample annealed at 750 °C consists of the dual-phase
structure of FCC and BCC. As the annealing temperature increases to 800°C, the structure
changes from dual-phase to triple-phase, consisting of FCC, BCC, and Tetragonal atomic
crystals. This holds for the 800°C and 850°C samples, where the tetragonal atomic crystal
belongs to the sigma phases. The XRD results are corroborated by the microstructural

changes observed by the EBSD characterizations (Figure 20b-f).

The post-deformation thermal treatments are performed at different temperatures of
750, 800, and 850 °C for 30 min to acquire the annealed microstructures with decent
mechanical behavior. The presented EBSD micrographs in Figure 20b-f from the annealed
samples are included in two different regions of the grip part (non-deformed region) and the
tip part (deformed region close to the fracture taken from the uniform elongation area, not
the necking part). It can be noticed that the microstructure of the sample annealed at 750 °C

contains UFG microstructure with an average grain size of ~844 nm (Figure 20b).

Inspection of data from the phase map reveals a volume fraction of 94% for the FCC

phase and 6% for the BCC phase, and no sigma phase is detected for the sample annealed at
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750 °C. However, the EBSD analysis at the tip part of the tensile specimen shows a higher
BCC phase fraction of 18% (with 82% of FCC phase) as compared to the grip part (Figure
20c). The increase in the BCC phase fraction after tensile testing represents the occurrence
of deformation-induced phase transformation during plastic deformation. In other words, the
metastable FCC matrix transforms to the BCC martensite phase when loaded under tension,

leading to an increase in the BCC-phase fraction by 12%.

The microstructure of the sample annealed at 850 °C (average grain size: ~1.3 um)
consists of a phase mixture with crystal structures of 86% FCC, 4% BCC, and 10% sigma
phases at the grip part (Figure 20d). After tensile straining, the fraction of constituent phases
is 82% FCC, 8% BCC, and 10% sigma phases at the tip part (Figure 20e), implying that FCC
to BCC transformation also occurs in the 850 °C annealed sample. Also, Figure 20f presents
the microstructure of the sample annealed at 800 °C where the fraction of constituent phases

is 90% FCC, 5% BCC, and 5% sigma phase (at the grip part).

Accordingly, the sigma phase with tetragonal crystal structure appears after annealing
at 800 °C, where its fraction depends on the thermal driving force. Namely, the sigma phase

fraction increases by elevation in the annealing temperature.

Careful evaluation of the XRD graphs and EBSD results (Figure 20) discloses the
formation of a multi-phase heterogeneous microstructure (hard domain-soft domain) after
post-rolling annealed conditions. In general, sigma phase formation highly depends on the

parameters of thermo-mechanical processing, stoichiometry, and lattice defects [71,96,97].
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Figure 20. (a) The XRD patterns of the samples annealed at 750 °C (yellow), 800 °C (blue),
and 850 °C (purple), EBSD phase maps of the samples annealed at (b) 750 °C taken from the
grip part, (c) 750 °C taken from the tip part, (d) 850 °C taken from the grip part, (e) 850 °C
taken from the tip part, and (f) 800 °C taken from the grip part.

It is reported that an increase in the annealing time and temperature stimulate the
volume fraction of the Cr-rich phase (sigma) in the microstructure [73]. Based on the XRD
graphs the sigma phase starts to introduce in the microstructure after 800 °C. This phase is

showing (002), (420), (222), and (430) planes at the highest annealing temperature. However,
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due to the low available temperature at 800 °C the (430) plane is limited and other present

planes at higher temperatures lose their intensity.

In addition, a significant amount of stored energy induced by severe plastic
deformation can support the formation of sigma phase precipitates [38]. Based on the phase
maps, it is concluded that a lower annealing temperature of 750 °C leads to almost no sigma
phase in the microstructure, although this phase formation gets more favorable after
annealing at higher temperatures. This confirms that there is a strong dependence of the

microstructural evolution in this MPEA on the selection of processing parameters.

Comparing the phase distributions at the grip (non-deformed region) and the tip
(deformed region) parts suggests a meaningful relation concerning the balanced formation of
sigma and BCC phases. A lower volume fraction of the BCC phase with a less uniform
distribution is provided with the introduction of a higher sigma phase fraction in the

microstructure at higher annealing temperatures.

It appears that FCC to BCC transformation occurs in a limited manner for the samples
annealed at and above 800 °C. Moreover, sigma phase formation may be one of the main
reasons that preclude reaching higher strain and stress levels simultaneously for these post-
rolling annealed samples by limiting deformation-induced phase transformation and thus the

potential benefit of TRIP effect [71,98].
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Figure 21. Schematic illustration of microstructural evolution in the rolled samples annealed
at 750 °C and 850 °C during tensile deformation.

Microstructural heterogeneity is highly influential for dictating the trade-off behavior

during plastic deformation in multiphase HEAs [99]. Heterogeneous distribution of hard
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domains (BCC crystals) at grain boundaries of the soft domain, i.e., FCC matrix, profoundly
stimulates the generation of localized deformation zones in the microstructure. With
increasing grain size and decreasing homogeneity in phase distribution, the strain uniformity
descends significantly, leading to lower YS and UTS at the higher annealing temperature of
850 °C [100]. Nevertheless, the 750 °C sample presents the near-optimum microstructure that

provides the improved YS and UTS values besides a reasonable level of ductility.

4.2.2 Elemental Mapping

Figure 22 shows the SEM micrograph with corresponding EDS maps for the sample
annealed at 850 °C. Phases, rich in Cr, are found inside the structure. These phases, marked
by white arrows in Figure 22a also were observed in other research and are representing the
sigma phases [96,101]. The SEM-EDS results are represented in qualitative form due to
unsuccessful detection for determining the chemical composition of the present sigma

phases.

Figure 22. (a) The SEM-SE micrograph of the 850 °C specimen with (b) corresponding

SEM-EDS maps representing the Cr-rich regions as sigma phases.
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Figure 23a-d is illustrating the TEM micrograph of 850 °C sample for the zone without
transformation-induced plasticity. The results are representing a Tetragonal (BCT) crystal
structure (see Figure 23e) for sigma phases. The HRTEM-EDS result acquired from the
center part of the micrograph is representing the sigma phase with a chromium-rich chemical
composition. This sigma phase possesses a composition of 52Cr-26Fe-11Ni-8Mn-3Co at%

which is aligned with the SEM-EDS results represented in Figure 22.

Figure 23. TEM micrographs for 850°C post annealed sample at the zone without the TRIP
mechanism (a and b) are representing TEM-micrographs including FCC, B2, and sigma
phases, (¢) HRTEM graph from the sigma phase, (d) SAED pattern of sigma phase, and (e)
schematic of BCT for sigma phase.
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4.2.3 Kernel average misorientation (KAM) analysis

Figure 24 indicates the KAM maps of the samples annealed at 750 °C and 850 °C at
both the grip and tip parts. Inspection of the grip parts of these samples reveals that by
increasing the post-deformation annealing temperature from 750 °C to 850 °C, the KAM
value decreases from 0.403° to 0.360° (Figure 24a and c). Also, collating the KAM values of
the grip and tip parts of these samples presents a drastic increment for the latter. This can be

attributed to the enhanced dislocation density in the grip part following tensile straining.

Similarly, the as-rolled specimen demonstrates a distinctly high KAM value of 1.688
(Figure 24f). It is also interesting to note that the KAM value of the tip part in the 850 °C
sample is higher than that of the 750 °C sample, despite the lower KAM value of the former
in the grip part, i.e., annealed condition. This can be related to the interaction of the sigma

phase with the dislocation substructure, influencing the recovery dynamics [71].

According to the results represented in Figure 24, it is obvious that different thermo-
mechanical processing routes can alter the KAM values. The evolution in KAM values can
be linked to a change in intragranular dislocation density in the alloy structure. Based on the
presented results, generated dislocations during cold rolling are recovered drastically after

the post-deformation annealing treatments.
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Figure 24. The Kernel average misorientation (KAM) maps of the samples annealed at (a)
750 °C taken from the grip part, (b) 750 °C taken from the tip part, (c) 850 °C taken from
the grip part, (d) 850 °C taken from the tip part, (e) 800 °C taken from the grip part, and (f)

the rolled specimen.
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However, this reduction in dislocation density can be at a different level depending
on the annealing temperature. In particular, the lattice misorientation is decreased by
elevation in the annealing temperature. In other words, a higher portion of the deformation-
induced strain remains in the sample annealed at 750°C, in contrast to other post-rolling
annealed samples. However, the samples annealed at 800 °C and 850 °C show smaller KAM
values representing a lower dislocation density, which implies a near-fully recrystallized

microstructure for these conditions.

It can also be unveiled that after applying stress, the tip parts possess higher KAM
levels. Specifically, a higher KAM value suggests a rising density of intragranular
dislocations. In the absence of plastic deformation, the sample annealed at 750 °C has the
highest presence of intragranular dislocations in the microstructure among the annealed
samples. These intergranular dislocations which are initiated from partial annealing
conditions may help strengthen the sample annealed at 750 °C. However, near fully
recrystallization conditions is dampening the strength of the annealed samples depending on

the recrystallization level due to annealing temperature (Figure 24).

4.2.4 TEM Analysis

The matrix in stacking sequence of ABC in compact [111] plane of FCC crystal
structure is changed for a twin to stacking sequence of CBA in same compact [111] plane.
Figure 25 is representing the annealing twinning in the 850 °C sample and it is showing the
stacking sequence of [111] planes at the twin boundary plane (represented in red color) on
both sides of the coherent boundary plane. In this annealing twinning, a sequence of

ABCABCABC is changed to ABCABACBA [102]. As illustrated in the HRTEM
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micrographs (Figure 25) the twin boundaries represent a flat shape and a facetted appearance

regarding their low energy grain boundaries.
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Figure 25. Annealing twins represented in fully recrystallized grains of 850 °C sample free
of dislocations and schematic illustrating the present planes and directions in annealing twin
in an FCC lattice.

It seems that the annealing twins should be more favorable in the 850 °C sample since
the applied temperature during the annealing process is much higher than in the other
circumstances. Most probably, the 850 °C sample possesses a higher chance of producing
annealing twins in its structure. Obviously, applying a higher annealing temperature

71



increases the grain boundary velocity migration and intensifies the grains' incident
probability [103]. Ever since the stacking fault energy is the same for all samples the

annealing twin’s production rate increases with increasing the annealing temperature.

10 1/nm

20 1/nm

10 1/nm

' - 10 1/nm Z=[001]

10 1/nm

Figure 26. Transmission Electron Microscopy (TEM) micrograph of 850C (a) grip part
possessing B2 crystal structure and (b) TRIP assisted zone (gage part) possessing BCC
crystal structure with their related SAED pattern.
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By analyzing TEM results for TRIP-assisted regions (near to necking area) four
different phases can be detected. The FCC, B2, Sigma phases, and BCC (disordered crystal
structure) are caused by the TRIP mechanism during plastic deformation. The TEM results
illustrate no trace of BCC crystal structure in non-TRIP-assisted areas (Figure 26). As
represented in the Figure 26b dislocations produced during plastic deformation in the
microstructure and sigma phase also participated in this process with introducing dislocation

(red arrows) in its structure.
Therefore, it can be confirmed that:

. It seems that the TRIP mechanism has affected the microstructure by consuming
the produced dislocation during plastic deformation due to present dislocation
pile-ups in the phases (Figure 26b).

ii. The TRIP mechanism is not producing an ordered Body-centered cubic (B2)
structure during plastic deformation since it introduced the Body-centered cubic
(BCC) structure (Figure 26a).

iii. TRIP occurrence by introducing BCC crystal structure during plastic deformation
boosts strain hardening in the necking area and postpones the rupture of the

structure.

4.3 Mechanical properties

Figure 27a illustrates the engineering stress-strain curves of the as-received
(homogenized), rolled, and post-deformation annealed samples. The as-received sample
presents a YS of 172 MPa, a UTS of 442 MPa, and a total elongation of 43%, indicating a

ductile mechanical behavior. After cold rolling, the YS and UTS of the sample enhance up
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to 1157 MPa and 1259 MPa, respectively, with an expense in the total elongation reduction

to 4.9%. After post-deformation annealing at 750 °C, the Y'S reaches about 1 GPa with total

elongation of about 10%. These values can be different if values are calculated by employing

instantaneous area. The UTS values are shifting to higher amounts, however, the YS values

stay constant due to constant cross-section (being in the elastic region) (see Figure 27D).
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Figure 27. (a) Engineering stress-strain graph, (b) true stress-strain graph, and (c) strain

hardening rate (SHR) curves of the present HEA at different processing conditions.

The stress-strain curves demonstrated a monotonous shift to lower stress levels by

increasing the annealing temperature, though the ductility levels represent a noticeable

improvement. According to the tensile results, the sample annealed at 750 °C exhibits about
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6 times higher YS and UTS as compared with the as-received condition. Also, the sample
annealed at 850 °C displays about 4 times higher elongation in comparison with the rolled
sample. Hence, the post-rolling annealed samples present a trade-off mechanical

performance that can be fine-tuned by the annealing condition.

The strain hardening rate (SHR) values are calculated for the samples using the

following equation:

do (1)
0=

where ¢ and ¢ are the true stress and strain, respectively.

According to the calculated SHR, the as-received sample shows a two-step behavior
(Figure 27¢). However, the rolled sample represents a single-step decrease without a sign of
strain hardening during plastic deformation. In comparison, post-deformation annealed
samples demonstrate a three-stage strain hardening behavior. The first stage shows a drastic

decreasing trend which can be attributed to elastic to plastic transition.

At the second stage, the SHR curves represent an up-turn increment, and the third
stage presents a continuous decreasing trend until the failure point. Moreover, close
inspection of the SHR results reveals that the annealed samples possess a higher SHR as
compared to the as-received and rolled samples. This is expected due to enhanced dislocation

storage capacity brought about by recovery mechanisms [104].

The fracture surfaces of the as-received and post-rolling annealed samples are
demonstrated in Figure 28a-f. As shown in Figure 28a, traces of ductile fracture are evident
since deep and larger dimples can be observed for the as-received sample resulting in a high

ductility of 43%. Moreover, larger dimples observed on the fracture surface of the as-received
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material (Figure 28a and b) can be linked to the coarse-grained FCC structure of this

condition (Figure 19d).

Figure 28. (a) Engineering stress-strain and (b) true stress-strain and strain hardening rate
(SHR) curves of the present HEA at different processing conditions, and fracture surface of
the samples at different conditions of (c and d) as-received, (e and f) annealed at 750 °C, and
(g and h) annealed at 850 °C.

Shallow and smaller dimples in comparison to the as-received counterpart can be
detected on the fracture surfaces captured for both 750 °C and 850 °C conditions (Figure 28c-
f), being in line with the lower ductility of rolled samples [105-109]. Furthermore, as
indicated by reddish marks in Figure 28c, the hardness mismatch between the FCC and the
thermally induced (before tension) and the deformation-induced (during tension) BCC
phases provided the sites with high potential of rupture and consequently decreased the strain
to failure of the 750 °C sample. The same hardness mismatch shall also attest for the 850 °C
sample as well, but to a lesser degree, as the propensity for FCC to BCC phase transformation
is considerably lower.
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4.4  Analysis of Structure-Property Relations

During plastic deformation, the TRIP mechanism can simultaneously modify the
strength and ductility and drive more uniform plastic deformation by deferral of stress
localization (necking) in the microstructure [110]. Therefore, TRIP considerably increases
the work hardening in the localized stress zone and halts inhomogeneous plastic deformation
[111-113]. It is also shown that with increasing post-rolling treatment temperature, the KAM
values decrease in the samples. Moreover, the intragranular fracture can be delayed with the
virtue of misorientation initiated from lattice distortion caused by a high dislocation density

[114].

More likely, one of the underlying reasons for the postponement of failure in the 750
°C annealed sample could be the presence of remnant strain in the structure. Therefore, partial
recovery of dislocations supports uniform plastic deformation and shifts necking to higher

strain values in this condition.

TRIP plays a critical role in improving strain hardening and sustaining uniform plastic
deformation. Thus, enhanced strain hardening can contribute as another reason to delaying
the necking phenomenon and subsequently to stimulating tensile ductility [113]. The
calculated SHR for all annealed conditions revealed a multi-step hardening rate due to the
TRIP mechanism in the plastic region in all post-rolling annealed samples, and its occurrence

is limited at the higher annealing temperatures of over 750 °C.

A continuous increase in strain hardening is attributed to the introduction of the hard-
domain (BCC) in the microstructure associated with the transformation shear stress [115].

Therefore, by comparing the tensile test results, it is demonstrated that introducing a suitable
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microstructure for transformation-induced plasticity can lead to a superior mechanical

behavior.

The development of various microstructures regarding the grain sizes and their
distribution is another factor that considerably affects the mechanical behavior. Among the
conditions, the 750 °C annealed has the smallest grain size distribution and thus is expected
to exhibit the highest YS with low ductility [116,117]. Previous research indicates that finer
grains activate more intragranular dislocations and intensify interactions with slip bands
[72,115]. Furthermore, regarding the KAM results, the samples annealed at 750 °C possess

the highest contribution of intragranular dislocations.

Therefore, due to the ability of phase transformation under plastic deformation
coupled with the fine grain size and its favorable distribution, this thermo-mechanical
processing route provides a decent combination of strength over 1 GPa and uniform

elongation over 5% for the understudied HEA.

4.5 Mechanical behavior studies for 2nd composition

Figure 29 is representing the mechanical behavior of the 2nd composition under
various annealing and aging conditions. The homogenized sample is representing a ductile
behavior (engineering and true strain to failure of 58% and 47%, respectively) with high
capability in strain hardening. The YS and UTS for this structure are about 483 and 744 MPa,
respectively (see Figure 29a). However, analyzing the true stress-strain results (see Figure
29b) is showing that the YS and UTS values have intensified to 483 MPa and 1135 MPa,
respectively. It is showing that the microstructure most likely possesses an FCC crystal

structure with high distortion in its atomic crystal structure. The high distortion level can be
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understood by possessing higher ductility besides higher YS and UTS values. Plus,
comparing the & values for two different studied compositions is showing that the & values
are modified from 4.1689% to 6.9565%. This increase in ¢ value is originated from the
implemented early transition metals with higher atomic radii in the atomic crystal structure.
This difference boosts the distortion level in the FCC crystal and increases strain to failure,

YS, and UTS simultaneously.

Applying 80% reduction intensified the YS and UTS to 1604 MPa and 1619 MPa,
respectively (engineering and true values are almost the same). However, it decreases the
strain to failure from 58% to 5.6%. It seems that the microstructure possesses a high density
of piled-up dislocations and there is no space for strain hardening since these two points have
close values. Therefore, despite having high YS and UTS values the strain hardening ability

is very low for this microstructure.
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Figure 29. (a) Engineering stress-strain and (b) true stress-strain for as-received, rolled, and
multiple annealing at 900 °C with the durations of 5, 10, 15, 20, 25, and 30 minutes followed
by 180 minutes aging at 650 °C for 2nd composition.
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Annealing followed by aging processes introduces an exceptional mechanical
behavior for the alloy (see Figure 29). The results are demonstrating slight differences in
mechanical behavior between annealed samples for a longer period of time (annealing for
20, 25, and 30 minutes). In addition, annealing for a longer time drops the YS and UTS values
to unacceptable values. However, it seems that annealing for a shorter duration and aging for
180 minutes causes a partially recrystallized microstructure which is initiated from a partial
recovery of dislocation and can lead to a lower strain hardening ability. Moreover, it seems
(with comparing the true values) that all annealed-aged conditions can reach a similar UTS

level around 1600 MPa with increasing strain by increasing the annealing temperature.

The results are showing that the 10min-180min and 15min-180min samples are the
best samples for this composition. Each of these samples has its advantages but due to higher
ductility (almost 20%) at GPa level stresses, the 15min-180min condition can be announced
as the best condition for the 2nd composition. The 15min-180min sample possesses Y'S and
UTS values of 1283 and 1457 MPa, respectively. This sample has a high capability of strain
hardening in GPa level stresses which can be initiated from p-precipitation, geometrically
necessary dislocations (GNDs), high distorted atomic crystal structure, proper distribution of

phases, and modified grains in the microstructure.
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CHAPTER V

CONCLUSION

The current work depicts a systematic effort to investigate the effects of

microstructural evolution on the mechanical behavior of a TRIP-assisted multi-phase high

entropy alloys with the following conclusions.

The post-rolling annealing at 750 °C enhanced the yield strength to 1 GPa, which
is almost up to six-folds higher as compared to the initial condition along with a
decent ductility of about 10%.

The degree of recrystallization played a critical role in the mechanical behavior
of a TRIP-assisted multi-phase HEA. Intragranular dislocations can help
demonstrate uniform plastic deformation at higher stress levels.

The extent of TRIP mechanisms can be limited by increasing the sigma phase in
the multi-phase HEA through the adjustment of thermo-mechanical processing
parameters.

The provision of moderate ductility at higher stress in the 750 °C annealed sample
may be attributed to the synergistic deformation mechanisms involving
dislocation slip and phase transformation, which maintain the ability of prolonged
strain hardening.

Employing back- and forward-stress, pinning effect, and grain boundaries in

combination can boost the mechanical behavior to GPa levels.
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FUTURE WORKS

In the present work, it has been tried to dig in and study the mechanical behavior of a
novel heterogeneous High Entropy Alloy at room temperature. But multiple areas can have

great potential to carry on. Therefore, a few suggestions for future research works are listed.

1. The thermomechanical processes can be involved in different methods including free
plastic deformation, which can introduce different textures in micron, submicron, and
nano-level in the alloy structure.

2. The mechanical tests in this thesis were done at room temperature, however, studying
the mechanical behavior of the designed heterogeneous MPEA at cryogenic
temperature can be astonishing results. This composition due to the absence of
precipitation in its structure is not recommended for studying in high temperatures.

3. Studying the effect of applied temperature during plastic deformation with focusing
on the thermodynamic of the TRIP mechanism can be another hot topic for this
composition and others with the capability of the TRIP mechanism.

4. The mechanical tests are highly recommended to study in different applied strain rates
during plastic deformation. Investigating the TRIP mechanism under different tensile
strain rates and how this mechanism takes effect from parameters except temperature
can be interesting.

5. Studying the effect of back- and forward stress (employing geometrically necessary
dislocations) and grain boundaries on the low cycle fatigue (LCF) behavior can be

pursued.
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